The mechanical properties of the stoichiometric B2 β-phase of NiAl are well established, however the effect of offstoichiometric composition on the fracture toughness has not yet been systematically studied over the entire composition range of 40-50% Al. Here we use microbending tests on notched cantilever beams FIB-milled from NiAl single crystals with an aluminized as well as an oxidation-induced composition gradient to determine the influence of the Al concentration on the mechanical properties. The fracture toughness is maximal for the stoichiometric composition. It decreases with increasing Ni-content in the Ni-rich composition range, where plastic deformation is observed to accompany the fracture process. In contrast, no plasticity is observed in Al-rich NiAl, which shows a nearly concentration-independent, low fracture toughness. The theoretical fracture toughness according to Griffith, however, shows only a very weak composition dependence in both, the Ni-and Al-rich composition range. The differences in fracture toughness could furthermore not be explained solely based on the different hardening contributions of Ni-antisites in the Ni-rich and structural vacancies in the Al-rich crystals. Atomistic fracture simulations show that crack propagation in NiAl takes place by the nucleation and migration of kinks on the crack front. The low fracture toughness of Al-rich NiAl can thus be understood by the dual effect of structural vacancies as strong obstacles to dislocation motion and as source of crack front kinks.
Introduction
The intermetallic phase NiAl is regarded as promising candidate material for high temperature applications because of its low density, high thermal conductivity and excellent oxidation resistance [1, 2] . However, the low fracture toughness and poor ductility at room temperature as well as the comparatively low creep strength have been major obstacles towards its application as high temperature structural material [3] . NiAl, which crystalizes in the B2 (CsCl) structure, is however frequently used as a bond coat material for oxidation protection of turbine blades and vanes in aircraft engines [4] . These bond coats have a characteristic composition gradient throughout their thickness, which is believed to significantly affect their mechanical behavior and failure resistance under load [5] . Understanding the composition dependent mechanical properties of NiAl is therefore of prime importance for improving the reliability of bond coats on turbine blades and vanes.
The study of the composition dependence of fracture in intermetallic alloys is, however, also interesting from a fundamental point of view. The fracture toughness of semi-brittle materials like B2 NiAl is determined by the competition between bond breaking and dislocation processes at the crack tip [6] . While the influence of Al concentration on the yield stress and the dislocation mobility in NiAl has been extensively studied [7] [8] [9] , including by atomistic simulations [10] [11] [12] [13] [14] , no such detailed studies exist regarding the bond breaking processes leading to brittle cleavage.
Since typical bond coats have thicknesses of just up to 100 µm, testing their mechanical properties with standard methods is challenging. In-situ microscale mechanical testing of cantilevers milled by a focused ion beam (FIB) as introduced by Di Maio and Halford [15, 16] can address these challenges and has been successfully applied to determine the properties of materials like Si [15] , TiAl [16, 17] , W [18] , Cu [19] , diamond-like-carbon (DLC) [20] and recently also of NiAl bond coats [21] [22] [23] . The study by Jaya et al. [21] was however conducted on polycrystalline parts of the bond coat so that grain boundary (GB) frac-ture dominated. The cantilevers in [22] were milled in individual grains, thus in principle allowing to compare their results to macroscopic fracture toughness on single crystalline NiAl, see e.g., [24] . However, they only studied stoichiometric and Ni 60 Al 40 coatings, which contained additional elements like Cr, Co and Pt.
A different approach to study the influence of Al concentration on the fracture behavior of NiAl thin films was used by Wellner et al. [25] . They used thermal cycling to induce strain in polycrystalline NiAl films of different homogeneous compositions on a Si substrate. Stoichiometric and Ni-rich NiAl films showed no cracks in their study, whereas Al-rich films exhibited pronounced cracking. However, the fracture toughness could only be determined for Al-rich films, where GB fracture dominated. A systematic study on the influence of off-stoichiometric composition on the fracture toughness of pure, single-crystalline NiAl is currently lacking.
By performing microcantilever tests with different cantilever sizes and geometries on stoichiometric NiAl, Ast et al. could establish that the fracture toughness of NiAl at room temperature does not depend on the specimen size for characteristic lengths down to the micro scale [26] . Insitu microscale testing on compositionally graded singlecrystalline NiAl thus present a unique model system to study the effect of off-stoichiometric composition on the fracture behavior of the intermetallic B2 Ni 0.5−x Al 0.5+x phase.
A complementary approach to study the influence of Al concentration on the fracture toughness of NiAl is the use of atomistic simulations. Atomistic simulations have provided considerable insight in the atomic scale details of brittle fracture and crack tip plasticity in general [27] . Previous molecular static (MS) simulations of cracks in NiAl [28, 29] have confirmed the experimental finding that the {110} planes are the primary and most probably the only natural cleavage planes of NiAl [24] . Dislocation emission was only observed for mixed mode loading or cracks on other planes. All emitted dislocations had 100 type Burgers vectors and were gliding on {110} planes [28, 29] . Molecular dynamics (MD) simulations at 5 K by Guo et al. [30] suggest that at low temperatures and high strains the stress-induced formation of martensite might contribute to the dissipation of strain energy ahead of the crack front. However, unphysical phase transitions at crack tips are a notorious problem for potentials of the embedded atom method (EAM) type [31, 32] . All simulations so far were performed on stoichiometric NiAl. In general, very few studies on the effect of the local chemical composition on crack-tip processes exist [27, 33, 34] , and none of them in NiAl.
Here we combine nanomechanical tests on different regions of compositionally graded pure NiAl single crystals with atomistic simulations to investigate the influence of Al concentration on the fracture toughness of B2 NiAl. 
Materials and Methods

Sample preparation and testing
The influence of the chemical composition on the mechanical properties of the B2 phase was investigated using two single crystalline NiAl samples. Both were manufactured from pure elements with a purity of > 99.95% for Ni and > 99.999% for Al. Details on the fabrication of the single-crystalline NiAl samples can be found in [35] [36] [37] . To introduce a gradient in chemical composition, sample 1 was annealed in a furnace under air atmosphere at 1100 • C for 100 h. The gradient, which developed due to the growth of alumina at the surface, was analyzed by energy dispersive X-ray diffraction. Sample 1 covers only the Ni-rich part of the phase field. Therefore, a second NiAl single crystal was aluminized in a pack cementation process and subsequently diffusion annealed to increase the Al-content (sample 2). The samples were subsequently ground with an angle of 5 • towards the surface and finished with electropolishing. The microcantilevers were then prepared according to the routine proposed by Iqbal et al. [17] along the edge of the sample in different positions of the chemical gradient. The advantage of this procedure is that all microcantilevers have the same crystallographic orientation, which was confirmed by electron backscattered diffraction (EBSD) measurements. The orientation of the microcantilevers is shown in Fig.1 a) . Cracks with (101) plane orientation were introduced such that their crack front was oriented along the 110 direction. This orientation is often referred to as soft orientation, because the yield stress in tensile test along this direction is below 270 MPa [38, 39] , much lower than the one in the hard 100 direction (≈ 1400 MPa) [39] . The {110} planes were shown to be the natural cleavage planes of NiAl with a relatively low fracture toughness of 4 MPa m 1/2 [37] . The FIB milled microcantilevers were tested inside a scanning electron microscope (SEM) (Crossbeam 1540 Esb, Carl Zeiss AG, Germany) using a micromanipulator equipped with a force measurement system (FMS) (Kleindiek Nanotechnik, Germany). This allows the in-situ observation of the experiment and also to track the displacement with digital image correlation (DIC). Here, the software VEDDAC 5.1 [40] was used to evaluate the displacement fields. Figure 1 b) shows the final microcantilever geometry. In the following, the force that is applied by the indenter tip is denoted by F , the beam thickness by B, the width by w, the notch length by a and the distance from the indenter tip to the notch by L. Macroscopic experiments to determine the fracture toughness make use of nominally atomically sharp cracks introduced by fatigue pre-cracking. This is not possible in the microscopic setup. Instead, a notch is milled from the top with a fine FIB current of 10 pA and 30 kV acceleration voltage. The notch radius is approximately 10 nm, similar to the ones in [26] . For a more detailed description of the testing methodology the reader is referred to [17, 20, 26 ].
Fracture mechanical analysis
The fracture toughness can be calculated from a notched bending test according to Eq. 1, if the plastic zone around the crack tip is small compared to the dimensions of the bending beam [41] :
This equation uses the maximum force F max for F Q at the point of fracture and the beam geometry as introduced above. A geometry function for this beam geometry, which only depends on a and w was determined by finite element modeling (FEM) by Iqbal et al. [17] . According to the standards for fracture toughness determination [41, 42] , several requirements must be fulfilled. Due to the small size of the microcantilevers, not all stated requirements could be met in this setup. The present approach was however shown to lead to results comparable to macroscopic tests [17, 22, 26] . If, however, the extent of the plastic zone at the crack tip is comparable to the specimen size, and the load-displacement curve shows a deviation from the elastic behavior, elastic-plastic fracture mechanics (EPFM) has to be used instead of Eq. 1. This requires the calculation of the J-integral that takes the elastic J el and the plastic contribution J pl into account [42] :
Here K IQ is calculated with Eq. 1 using F Q = F 0.95 and is then accordingly denoted by K I,0.95 . Following [42] , F 0.95 is determined from the load-displacement plot as the force at the intersection of a straight line through the origin with a slope of 0.95E (see Fig. 4 ). The prefactor (1 − ν 2 )/E in Eq. 2, which combines the Young's modulus E and Poisson ratio ν, is calculated from the elastic constants c ij for the specific chemical composition [43] and the orientation of the crack following [44] . The plastic contribution J pl is determined by using the area A pl under the load-displacement curve, excluding the elastic contribution. The value of the constant is set to 2. The J-integral is then used with the expression
to calculate the fracture toughness K Q,J . As the samples do not fulfil all the requirements of the standards for fracture toughness determination, K Q,J is referred to as conditional fracture toughness [18] .
Calculation of theoretical fracture toughness
According to Griffith [45] , the theoretical plane strain fracture toughness K G can be expressed in terms of the energy release rate G by
with B being an orientation dependent elastic constant that can be expressed in terms of c ij [44] . For fracture to take place, the critical energy release rate G G has to equal the energy of the surfaces 2γ s created by the propagating crack:
To evaluate K G for different chemical compositions, c ij and γ s need to be determined for these compositions. This was achieved by performing MS calculations on a sample containing 15 × 15 × 15 B2 NiAl unit cells. The respective off-stoichiometric compositions were modeled by randomly replacing Ni atoms by vacancies for Al-rich compositions, and Al atoms by Ni atoms on the Ni-rich side [46] . For the calculation, periodic boundary conditions (PBC) were used in all directions, and the box size was adjusted to obtain a stress-free minimum energy configuration. The surface energies were calculated by performing the MS simulations without PBC in the [110] direction. The calculations were performed on three different samples to provide an average value for the elastic constants and surface energies, independent of the individual atomic arrangement. All MS simulations were performed with the FIRE algorithm [47] , and the EAM potential for NiAl by Pun and Mishin [48] was used in all simulations. This potential was shown to reproduce well the equilibrium and defect properties of NiAl as determined from ab-initio simulations and experiments [48] . The relevant properties of this potential are provided in Tab. 1. 
Atomistic fracture simulations
The simulation setup for the determination of the fracture toughness for cracks under mode-I loading is illustrated in Fig. 2 a) . An atomically sharp crack is introduced in a cylindrical sample of radius R = 15 nm by displacing the atoms according to the linear elastic solution of a crack in an infinite anisotropic elastic body [44, 49] . PBCs are used in crack front ([001]) direction and atoms in a boundary layer of two times the cut-off radius of the potential are fixed. To determine the fracture toughness, MS calculations are performed where the applied stress intensity is iteratively increased in steps of ∆K I = 0.007 MPa m 1 2 . The critical stress intensity factor K Ic is taken as the stress intensity at which the entire crack propagated by at least one atomic distance. For details of the simulation procedure see [31, 50] . The calculations were performed on five samples to study the influence of the statistical distribution of atomic species in the off-stoichiometric samples. Doubling the sample size to R = 30 nm only lead to a change in the fracture toughness within one step size ∆K I .
A different set-up ( Fig. 2 b) is used to study propagating cracks. A sample size of 70 × 70 × 20 nm with PBC in the [001] direction and fixed boundary conditions in the other directions is used. A blunted crack is introduced at the center of the sample by removal of one half-plane of atoms. Afterwards, the displacement field of a semielliptical crack is applied and the configuration is strained by a value slightly below the critical strain G according to the Griffith energy balance as determined following [51] . The crack tip is located at 40% of the box length in [110] direction. The entire configuration is relaxed ensuring zero stress in PBC direction. Standard MD simulations with a starting temperature of 0 K are performed while the sample is homogeneously strained in [110] direction at a strain rate of 10 8 s −1 , while maintaining zero stress in the orthogonal directions. Defect analysis is carried out using slip vector analysis method [52] . Open Visualization Tool (OVITO) is used for visualization of the atomistic simulation data [53] .
Results
Microstructural and chemical analyses
The micrographs in backscattered electron contrast and the chemical composition of both B2 NiAl samples are shown in Fig. 3 .
With increasing Ni-and Al-content towards the right side of the samples a light grey and dark grey zone with the chemical gradient can be distinguished from the grey stoichiometric NiAl on the left side of both samples. The Alcontent of sample 1 (see Fig. 3 a) decreases sharply within a distance of 10 µm from the stoichiometric composition to 45 at% and then gradually falls off to a concentration below 40 at%. The overall gradient in the chemical composition of sample 2 (see Fig. 3 b) is less steep than in sample 1, but also exhibits a jump in the concentration profile close to the stoichiometric composition.
In-situ microcantilever bending experiments
Depending on the composition, purely linear elastic as well as elastic-plastic load-displacement response of the notched microcantilevers could be observed during the bending experiments. Figure 4 shows two representative cases together with the constructions to determine the necessary parameters to calculate the fracture toughness according to Eq. 1 or 2. Representative load-displacement curves for different compositions can be found in Fig. 5 a) . The linear elastic parts do not have exactly the same slope, because the distance L of the crack from the loading point, i.e., the contact with the indenter, is not identical in all cases. The different L are however considered in the determination of the fracture toughness, Eqs 1 and 3, see also Fig. 5b ). The Al-rich microcantilevers show a linear-elastic behavior up to the point of fracture. Here, the maximum load F max can be used for the value of F Q in Eq. 1 to determine the fracture toughness. That way, the average fracture toughness of cantilevers with Al-rich compositions was determined to K Ic of 2.1 ± 0.2 MPa m 1/2 . Stoichiometric and Ni-rich NiAl microcantilevers, however, show an elastic-plastic behavior. For these compositions, the condition F max /F 0.95 > 1.1 [42] is not met, and EPFM (Eqs. 2 and 3) rather than LEFM (Eq. 1) has to be used. The plastic part of the J-integral is proportional to A pl , the area under the load-displacement curve minus the elastic contribution [42] . Figure 5 a) clearly shows that for the Ni-rich compositions, A pl decreases with decreasing Al-content. The fracture toughness values of all tested specimens are shown in Fig. 6 . For purely brittle materials, Eqs. 1 and 3 lead to the same fracture toughness K IQ = K Q,J . Therefore, only K Q,J is plotted in Fig. 6 . In the case fracture is accompanied by plastic deformation, the difference K Q,J − K IQ can be used to evaluate the amount of plasticity and the deviation from the purely elastic behavior of the load-displacement curve. The data points in Fig. 6 are color-coded according to this measure. In this Figure B2 phase is clearly evident. In Al rich NiAl, however, no plastic contribution to K Q,J can be discerned, and the fracture toughness appears not to be influenced by the Al concentration. In the B2 part of sample 1, the microcantilever with composition closest to the stoichiometric composition has the highest fracture toughness (K Q,J ≈ 4.7 MPa m 1/2 ) and the largest deviation from the LEFM solution (K IQ ≈ 1.7??? MPa m 1/2 ).
Fracture surfaces of broken microcantilevers with different Al concentrations are shown in Fig. 7 . Al-rich NiAl like the example at 53 at% in Fig. 7 shows typical cleavage fracture with a smooth crack onset right below the notch. Cracks in Ni-rich B2 NiAl, however, show a more ragged appearance, see Figs. 7 and 8. A common feature for all cracks in Ni-rich microcantilevers is a short initial phase of stable crack growth before final fracture. The arrow in Fig. 7 shows where the final fracture initiated. The steplike structure below and parallel to the notch suggests that the crack might have momentarily stopped before finally fracturing the cantilever. The initial stable crack growth can also be seen in movie M1 in the supplementary material ??.
Atomistic calculations
The lattice constant a 0 , the elastic constants c ij and the surface energy of 110 surfaces γ (110) have been calculated for B2 NiAl for the entire composition range between 35 at% Al to 60 at% Al. Values for 45, 50, and 55 at% Al are provided in Tab. 1. While c 11 is lowest for stoichiometric NiAl, c 12 and c 44 show a significant decrease with increased Al concentration. It is interesting to note that the Youngs modulus in [110] direction E [110] , however, shows an increase with increasing Al content, see Tab. 1. This can be understood by calculating the anisotropy ratio A, which also shows a decline with increasing Al concentration. With decreasing elastic anisotropy, the differences between the Youngs moduli in different directions have to become smaller, i.e., E [111] decreases while E [110] and
Based on the determined values of the surface energy and the elastic properties, the theoretical value for the critical stress intensity factor K G can then be calculated following the Griffith concept [45] taking into account the anisotropic relationship between the applied K I and the crack tip displacement field [44] . This theoretical fracture toughness according to LEFM assumes perfectly brittle fracture and is the lowest possible fracture toughness of this material. Its dependence on the composition is shown in Fig. 9 . Its value is nearly constant in the Ni-rich part (K G ≈ 0.76 MPa m 1/2 ), slightly increases in the Al-rich part close to the stoichiometric composition and then decreases with increasing Al concentration. Whereas the determination of K Ic by static simulations is well-established for uniform or ordered structures, determining the fracture toughness for crystals with atomicscale disorder like in the off-stoichiometric cases is less straight-forward. In general, a crack can propagate by breaking all crack-tip bonds within one load increment, or by subsequently breaking of individual or multiple bonds during successive load increments. The first case is exemplary shown in Fig. 10 . It is obviously the case for stoichiometric NiAl, where all crack-tip bonds are identical, see Fig. 10b . However, also all cracks in Al-rich NiAl propagated within one load increment, see e.g. Fig. 10a . In contrast all but one crack in Ni-55 at.%Al showed prior bond breaking (PBB) processes before the crack propagated at K Ic , see Figs. 10c and 11 . The so determined values of K Ic are shown in Fig. 9 and provided in Tab. 2. Interestingly, PBB in the Al-rich samples was only observed when the vacancies were not located directly at the crack front and these samples also showed higher fracture toughness values than the sample with vacancies directly at the crack tip that showed no PBB. None of the simulated samples showed any sign of crack-tip plasticity, see the exemplary figures in the supplementary Material, Figs. ??-?? .
It is furthermore interesting to note that in Fig. 9 K Ic can be smaller than predicted by the Griffith equation. This is the case as the propagating crack only produces a surface increment of one atomic spacing, whereas the surface energy used to calculate K Ic according to Griffith in Fig. 9 was averaged over a large area as well as multiple re- Example for the determination of the critical stress intensity factor (K Ic ). In all cases the entire crack propagated by one atomic distance within one load increment, resulting in a unique value for K Ic . B+D B+D B+D Table 2 : Results of the quasistatic and dynamic fracture simulations: K G theoretical fracture toughness according to Eq. (4); K Ic -critical applied stress intensity at which the crack either propagates or crack tip plasticity occurs; G -critical strain according to the Griffith energy balance; cr -critical strain at which large-scale bond breaking processes occur; dislo strain at which the first dislocation is emitted; Behavior: D dislocation emission, B brittle crack propagation.
alizations. The present, established method therefore can not be used to determine thermodynamically reasonable values for the fracture toughness in atomically disordered systems. This would require the propagation of the crack over large distances, which -under pure K-controlled loading -is not possible with the currently available boundary conditions. Crack propagation therefore was studied using a strainrather than a K-controlled setup. Snapshots from the MD simulations are shown in Fig. 12 . For the stoichiometric sample, Fig. 12b ), the crack propagates for a couple of lattice constants and then starts to emit a dislocation on the (010)[100] slip system. The crack is slowed down by the emission of the dislocation, but under the constant strain rate of 10 8 s −1 , the crack propagates further and emits another dislocation on the mirror symmetric (100)[011] slip system. The entire process can be seen in supplementary movie M2 []. The sample with 45 at% Al, Fig. 12a ), behaves similarly to the stoichiometric sample: The Griffith strains G at which the elastically stored energy in the sample is identical to the surface energy are comparable, as is the critical strain cr at which the crack starts to propagate. Also the emission of the first dislocation (on the (100)[011] system) takes place at roughly the same strain, see also Tab. 2. The emission of the second dislocation, however, takes place significantly later compared to the stoichiometric sample, see supplementary movie M3 []. The Griffith strain for the sample with 55 at% Al, Fig. 12c ), is smaller than for the other samples (Tab. 2). More importantly, however, is that crack propagation sets in at a value of cr that is only slightly larger than G and 50% lower compared to the stoichiometric and Nirich samples. In addition, the crack front appears rougher and dislocation emission starts on both slip systems. Furthermore, the propagating dislocations create significant debris, see also supplementary movie M4 [].
A detailed analysis of the stoichiometric sample with Figure 11 : Example for the determination of the critical stress intensity factor when prior bond breaking (PBB) processes take place before the entire crack has advanced by one atomic distance at the load K Ic . This behavior was only observed when structural vacancies were present close to the crack tips in Ni-55 at.%Al. PBB are highlighted by dashed ellipses. The atom colours and green arrows have same meaning as in figure 10 . high time resolution shows that event at 0K the crack propagates by the nucleation and migration of kink pairs, see Fig. 13 .
Discussion
Macroscopic fracture experiments on stoichiometric B2 NiAl report fracture toughness values of the hard orientation between 5 and 9 MPa m 1/2 [24, 37? ]. The recent work by Ast et al. showed that these values could well be reproduced in microscale experiments using the here-employed methodology [26] . Their values match well with our results on near-stoichiometric, Ni-rich NiAl, see Fig. 9 . The fracture toughness of Al-rich samples ranges between 1.7 and 2.4 MPa m 1/2 , without any noticeable dependence on the Al concentration. This compares well with the Al concentration independent fracture toughness values of 2.2-2.9 MPa m 1/2 determined by Wellner et al. [25] for polycrystalline NiAl films with 50.4-52.4 at.% Al. For deviations from the stoichiometric compositions to the Ni-rich side, however, a nearly linear decrease with increasing Ni contents can be seen up to Ni concentrations of about 40 at%.
The results from the quasistatic fracture simulations on the stoichiometric sample agree with the work by Ludwig and Gumbsch [28] in so far that no dislocation emission was observed. The difference in their value for K Ic = 0.65 MPa m 1/2 to our result of K Ic = 0.87 MPa m 1/2 is most probably rooted in the different potential used in this study. The generally large differences between atomistically and experimentally determined values of the fracture toughness are well-known and are attributed to the idealized simulation setup, that precludes effects due to the activity of preexisting dislocations, imperfect cleavage surfaces or atomic-scale crack tip blunting, which are all present under typical experimental conditions. It is important to note, that only the stoichiometric composition showed significant lattice trapping [27, 54] , which explains the difference between K G and K Ic in Tab. 2. The disordered crack front in the non-stoichiometric compositions leads to local changes in the bonding strength of the crack tip atoms and thus the possibility of kink formation and local conditions which favor local crack advance for values of K Ic smaller than the thermodynamically averaged K G . The determination of a static fracture toughness from atomistic simulations of media with atomic-scale disorder thus requires statistical approaches [55] , which have not yet been applied in the context of atomistic fracture simulations.
Initially, the MD simulation show the same behavior than the static simulations, namely brittle crack advance, see Fig. 12 . However, after a short distance, the emission of 100 dislocations on {010} planes sets in. That dislocations were not observed in the static simulations can have multiple reasons. The large strains necessary in the clamped strip geometry could have lowered the energy barrier to nucleate dislocations through the well-known tension-shear coupling [56] . Dislocation emission could also be related to a dynamic crack tip instability, or the kinks and jogs in the propagating crack front provided preferable sites for dislocation nucleation [57] . In general it has been shown, that the emission of loops rather than straight dislocation lines as enforced by the boundary conditions and the static minimization in the setup Fig. 2a ) requires lower activation energy [58] . It is however important to note, that same types of dislocations than in the simulations were observed to have produced large slip traces in front of cracks in the hard orientation [26] .
Traditionally, the fracture toughness is seen as a result of the competition between dislocation nucleation and motion on the one hand and bond breaking processes at the crack tip on the other hand [27] . The concentration dependence of the experimentally determined fracture toughness in Ni-rich NiAl samples can be nicely correlated with the mobility of dislocations as evidenced by the concentrationdependence of the hardness, see Fig. ??a) . Here, it is important to note that while the hardness averages over {110} and {100} dislocations, only the shielding dislocations on the {100} planes, which show lower hardening coefficients [11] are relevant, see Fig. 6 and [26] . This is however not the case for Al-rich NiAl. Even an increase of only 0.4 at% Al from the stoichiometric composition leads to drastically decreased fracture toughness of NiAl [25] , which then stays roughly constant up to Ni 47 Al 53 , see Fig. 6 . If the toughness would be related to the hardness in a similar way than for Ni-rich NiAl, the fracture toughness of Ni 49 Al 51 should be comparable to the toughness of composition between 45 and 41 at% Al (using the literature data in Fig. ??) which is not the case.
Clearly, an additional mechanism needs to be at play to explain the nearly concentration independent fracture toughness of Al-rich NiAl. The MD simulations, Fig. 12 , show that the fundamental processes, namely crack propagation and dislocation emission are identical for the three studied compositions. In particular, there is no important difference in terms of the number or type of dislocations emitted and their distance travelled between the Ni 45 Al 55 and the Ni 55 Al 45 samples, and their Griffith strains differ by just about 15%. In contrast to the other compositions, the Al-rich sample shows, however, a very low strain c at which crack propagation starts, comparable to the theoretical strain G according to Griffiths energy balance. Crack propagation therefore seems to be favored by the presence of structural vacancies.
As evidenced by Fig. 13 , the crack in stoichiometric NiAl propagates by the nucleation and migration of kink pairs. Crack propagation by kinks was also observed in [58, 60] . It can be therefore speculated that structural vacancies can act as sources for kinks in the crack front, which then govern the dynamics of brittle crack propagation. This effect might be even more pronounced if the vacancies agglomerate to clusters as suggested by Gumbsch et al. [11] .
Structural vacancies thereby not only impede dislocation motion but additionally facilitate crack propagation, leading to the observed nearly Al-concentration independent brittleness of Al-rich NiAl.
Summary
The following conclusions on the composition dependent mechanical properties of non-stoichiometric B2 NiAl single crystals in the soft orientation can be drawn from our bending tests on notched microcantilevers and our atomistic fracture simulations:
• Off-stoichiometric NiAl shows a lower fracture toughness than stoichiometric NiAl, both in experiments and simulations, even though the theoretical fracture toughness according to the Griffith energy balance is comparable.
• Plasticity is only observed in stoichiometric and Nirich NiAl, where the plastic contribution to fracture toughness decreases with increasing Ni-content.
• The fracture toughness of Al-rich NiAl is independent of the Al-concentration and with about 2 MPa m 1/2 lower than for the stoichiometric and Ni-rich compositions.
• The relative values of the fracture toughness in Niand Al-rich NiAl and their different concentration dependence cannot be solely explained by the different hardening effect of Ni antisites (Ni-rich samples) and structural Ni vacancies (Al-rich samples), i.e. their influence on dislocation motion.
• MD simulations show that crack propagation in NiAl takes place by the nucleation and motion of kink pairs on the crack front. In addition to their role as potent obstacles for dislocations, structural vacancies act as sources for crack front kink pairs. Thus rather than affecting the theoretical fracture toughness according to the thermodynamic Griffith criterion, structural vacancies in Al-rich NiAl lower the kinetic barrier for crack propagation.
In addition, the static, K-controlled simulations show that the usual approach for determining the fracture toughness, namely identifying the onset of crack propagation and the use of relatively short crack front segments, can not be applied to fracture in disordered systems. Here, new statistical approaches will be required.
